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An investigation of the Substructural
Changes Accompanying High-Temperature
Creep of Mono- and Polycrystalline

Nickel Samples

E. E. BADIYAN, A. F. SIRENKO
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Results are presented here of an investigation of the kinetics of high-temperature creep of
mono- and polycrystalline nickel samples and of the associated substructural changes. it is
shown that at low stresses, not exceeding the so-called linear creep limit p,, creep takes
place according to the Nabarro-Herring mechanism. The characteristic particle size allowed
for in the Nabarro-Herring theory is similar to the size of the blocks (subgrains),

measured by X-ray diffraction. In the first stage of creep at stresses p << p, the average
block size increases and the dislocation density decreases. In the second and third stages
the creep does not cause any noticeable changes in the substructural characteristics
(block size, dislocation density). Creep of the material is accompanied by the onset of
porosity, the formation and development of which is due, apparently, to the coalescence of ]

vacancies.

At p > p,, when Weertman’s mechanism is the main creep mechanism, the dislocation
density increases with increase in the amount of creep. Creep in this stress range is
accompanied by the appearance of pore-cracks which are formed mainly at the grain (block)
boundary junctions; these hinder the movement of dislocations.

The dependence of the linear creep limit on temperature is determined by the
temperature-dependence of the shear modulus.

1. Introduction
The high temperature creep of metals and alloys
may occur by essentially different mechanisms
dzpending on the applied stress and testing
temperature [1, 2]. At high temperatures and
low stresses the Nabarro-Herring diffusion
mechanism [3, 4] applies; this mechanism is a
non-threshold mechanism and creep may occur
at arbitrarily low stresses. For example, so-
called “negative” creep has been observed [5] at
temperatures below the melting point in the
absence of an external load (owing to surface
tension forces). The diffusion creep rate is
determined by the flow of vacancies from
sources to sinks and varies linearly with stress.
At stresses exceeding some threshold value of
p, (linear creep limit), which is necessary to
overcome the barriers restricting the movement
of dislocations, the greater part of the creep is
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determined by the displacement of dislocations
in their slip planes. In this case, the rate-control-
ling mechanism is a diffusion process, but the
laws of dislocation-creep (dependence of steady-
state creep rate on stress, grain size, preliminary
cold deformation, etc.) differ markedly from
those which apply to pure diffusion-creep.

The kinetics of both diffusion- and dislocation-
creep are determined, essentially, by the struct-
ural and substructural characteristics of the
metal, which, in their turn, may change notice-
ably during creep. In this connection it is of
interest to observe directly the nature of the
structural changes accompanying creep at
temperatures and stresses covering the region of
pure diffusion-creep and the region where
different deformation mechanisms are super-
imposed. Data are presented below which show
the changes in the blocks and dislocation
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structures at stresses p < p, and p > p, for
monocrystalline and polycrystalline nickel
samples; nickel is a suitable material for this
series of investigations since it has high linear
creep limits.

2. Experimental Method

High-purity nickel (99.99 %) was used to prepare
the paddle-shaped samples (60 mm long and
cross-section of the test length 1 x 10 mm?).
Before testing, the samples were exposed to a
recrystallisation-anneal at temperatures 5 to 10°
below the melting point, forming either single
crystals or coarse-grained samples (single grains
spanning the thickness). Creep tests were carried
out in vacuum at 1000 to 1250°C and at stresses
of 20 to 400 g/mm?. A diagram of the apparatus
is shown in fig. 1.

A highly sensitive inductive tensometer [6],
whose design is based on the transformer
principle, was used to measure low creep values.
The tensometer transducer consists of three
windings on one coil, one of which is the prim-
ary, the other two the secondary windings. Each
of the windings contains 800 turns of 0.09 mm
diameter copper wire. The Armco-iron core (20)
moves inside the coil; the core is joined by a
connecting rod (3) and clamp (2) to the sample
(). The core is moved vertically by rotating a
conical ground joint (4); this displacement is
converted into a translational movement of the
sample.The coreand the windings are surrounded
by an Armco-iron screen (16). The primary
winding of the transducer is fed by a high
frequency sinusoidal voltage (15 kHz). The
difference signal set up in the secondary circuit
on moving the core is fed to the input of an
amplifier. A recording potentiometer, which
registers the deformation of the sample, is con-
nected in parallel to the measuring instrument of
the amplifier. The width of the linear section of
the transducer characteristics along the displace-
ment axis is 10 mm, the strength of the residual
signal is 0.2 mV, and the power consumption
1.5 W. The sensitivity threshold of the tenso-
meter is ~ 0.2 pum.

The temperature of the sample was measured
and recorded with a potentiometer. The tempera-
ture during the tests was maintained within
+ 1°C limits.

To determine the characteristics of the block
structure of the samples, various modifications
of the X-ray diffraction method were used. For a
sample with a fine-block structure the average
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Figure 1 Schematic diagram of apparatus for studying
creep. 6, viewing window; 7, aluminium oxide tube;
8, screen; 9, nozzle for evacuation; 10, cover of casing;
11,vacuum inlet for heater; 12, clamp for quartz connecting
rod; 13, casing; 14, heater windings; 15, refractory brick;
16, inductive transducer; 17, vacuum seal; 18, rod;
19, vacuum inlet for thermocouples. For other notations
see text.

block size (L) was determined by a method
proposed in [7].

Chemical etching was used to clarify the
dislocation structure (determination of the
dislocation density N). Etch pits were most
clearly detected using a solution of Cu ions in
concentrated nitric acid as the etching agent
(1 part of concentrated nitric acid, saturated
with copper, was mixed with 4 to 5 parts of pure
concentrated HNO,).

To avoid possible changes in the dislocation
distribution when the sample was cooled from
high temperatures, loads applied to the sample
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Figure 2 Dependence of the ratio €/p on p for Ni samples.
Temperature: 1000°C-(1); 1100° C-(2) ; 1200° C-(3); 1300°C-
4). Ordinate: log,,(¢/p). Abscissa: log,,p(g/mm?).

during testing were only removed at room
temperature. Control experiments showed that
under such cooling conditions the dislocation
distribution is practically unchanged. Typical

N
tests at 1200°C at a stress of 15 kg/em? for 2 h (b); 8 h (¢); and 19 h (d). Magnification: a, b, ¢ (X 160), d (X 750).

*The symbols p and N are used for dislocation density, measured by X-ray diffraction (p) and etch pit density (),
since p and N may differ in value (see table I).

photomicrographs of etch figures, corresponding
to different stages of creep, are shown in figs. 3
and 4.

The X-ray diffraction method was used as well

‘as chemical etching to determine the dislocation

density p.* According to reference [9] the
broadening of reflections from separate grains,
caused by the presence of dislocations, is
determined from the expression

2460)2 = kpb? tan® 20 loge PR loge Ly
P 12 12
1)

where p is the dislocation density, b is the
Burgers vector, & is the Bragg angle and k is a
factor which is constant for a given reflection
(determined by the indices of the reflecting plane
and the value of Poisson’s ratio); for the (002)
reflection of Ni in Fex, radiation it is about
0.018. R is a characteristic parameter of the
dislocation distribution in the crystal (see [9] for
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details). A calculation [10] gives R==1 to mentioned above, but since loge R occurs in
2 x 107* cm; it is possible of course, that the equation 1 this approximation is permissible. In
true values differ from the calculated values fact, a comparison of the values of p and N

TABLE | Change in dislocation density p, average block size L, and etch pit density N of polycrystaliine and mono-
crystalline Ni samples during creep at 1200°C.

Type of Deformation Applied stress, Block size Dislocation Etch pit
sample period, A g/mm? (pm) density, density,
measured by pcm™ Ncm—?
X-ray

diffraction, L
Polycrystal 0 50 8 7.10° 3.10°
8 50 10 3.10° 2.108
24 50 11 2.10% 1.10°
0 280 9 6.10° 3.108
8 280 5 2.10¢ 1.10¢
15 280 4 . 1.10¢ 1.108
Single crystal 0 50 12 3.10° 1.10°
12 50 15 1.10% 8.10%
8 260 8 8.10% 5.10°
16 260 3 2.108 6.10°

testing for 12 h; (b) as in (a), etching on dislocation; (c) after testing for 135 h; (d) as in (c), etching on dislocation.
Magnification: a, ¢ (X 160); b, d (X 840).
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showed a satisfactory correlation between them
(see table T). The differences (by a factor of up to
about 3) can be explained satisfactorily since, in
chemical etching, outcrops of dislocations are
exposed whichare mainly decorated with impurity
atoms. This is supported by the fact that p > N
for all the samples studied.

3. Experimental Results and Discussion
The essential criterion of the mechanism of high-
temperature creep is the dependence of the
steady-state creep rate € on the applied stress p.
When creep occurs by the Nabarro-Herring
mechanism [3, 4], this dependence is linear; for
dislocation-creep éccp™ where n > 1 [14].

The experimental data shown in fig. 2, where
log,, €/p is plotted against log,, p, characterise
the dependence of ¢ on p for polycrystalline
nickel samples tested at 1100 to 1350°C. After
a preliminary high temperature anneal (8 to 12 h
at 1440°C) all the samples had, in the initial
state, an average linear grain size of 2 mm and a
relatively low dislocation density (1 to 3 x 10°
cm~—%).

As is shown in fig. 2 at each test temperature
there is a stress range, 0 < p < py(T), in which
éfp is almost independent of p, i.e. ¢ varies
linearly with p. According to the results of the
metallographic and X-ray structure investiga-
tions, the creep at p < p, is not accompanied by
any significant change in the dislocation structure
Both in the initial state and after creep tests a
fairly uniform distribution of dislocations is
observed over the bulk of the crystal (or separate
grain in a polycrystalline sample) (see fig. 3). A
small decrease in the dislocation density and
increase in the average size of the subgrain can
be seen in the initial stages of creep. These
changes in subgrain size are more pronounced at
higher levels when the sample has a more highly
distorted crystal lattice. For samples subjected to
a prolonged high-temperature anneal (several
tens of hours at 1440° C) the transient creep stage
(at p < p,) is almost non-existent in the creep
curves and there are no noticeable changes in the
substructural characteristics.

A quantitative treatment of the results
obtained showed (table I) that at stresses p < p,
there is fairly close agreement between values for
the steady-state creep rate <éexp (measured
experimentally) and those calculated from
Herring’s formula €x:

ADSR p

W=D @

where D is the self-diffusion coefficient, £ is the
atomic volume, k is the Boltzmann constant, T°
is the absolute temperature, L is the character-
istic size and A is a coefficient depending on the
shape of the block. In the absence of any
pronounced anisotropy in the form of the sub-
grains, A can be considered to be constant. In our
calculations it was taken as equal to unity.

In calculating values of ég from formula 2,
equilibrium values of the self-diffusion coefficient
of nickel were used and the average size of the
subgrain (L), measured by X-ray diffraction,
was taken as the characteristic size.

Owing to the linear dependence of € on p (for
p < p,) and the similarity in the values of ¢ and~
éexp, 1t can be concluded that the Nabarro-
Herring mechanism is the main creep mechanism
in this stress range. At stresses not exceeding the
linear creep limit there was no noticeable
increase in the dislocation density even in the
tertiary stage of creep preceding fracture of the
sample. Photomicrographs are shown in fig. 4 of
a nickel sample tested at 1200°C and at a stress
of 9.5 kg/cm?, The development of pores during
the creep process, which causes the sample to
fracture, can be clearly seen in the photographs;
however, there is no noticeable change in the
dislocation density during the whole test period
(up to fracture).

The pores formed during creep at stresses
p < p, are circular and appear both at the grain
boundaries and inside the crystal; for mono-
crystalline samples they are located mainly at the
subgrain boundaries. In this case, as is seen, for
example, in fig. 5, where the average pore radius
7 is shown as a function of the testing time, the
relationship Foc t# applies, indicating that pore
growth in the high temperature creep of Ni at

Flpm)
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Figure 5 Change in the average pore radius r during creep
of Ni at 1100°C, 1200°C and 1250°C at a stress of 9.5
kg/cm? Ordinate: r(um). Abscissa: /f(h).

1483



E. E. BADIYAN, A. F. SIRENKOC

low stresses occurs by a diffusion mechanism.
The change in slope of the straight lines cor-
responding to F = f(|/t), on varying the testing
temperature, is in good agreement with the
temperature dependence of the self-diffusion
coefficient of Ni. On the basis of the vacancy
mechanism of pore growth (dissolution), the
change in the linear dimensions of a pore (we
consider it in the first approximation as a sphere
of radius r) may be described by the expression

dr 1 D
rTim =l Sl

where Q@ = DpVe is the flux of vacancies
arriving at the pore, Dy and ¢ are the diffusion
coefficient of the vacancies and their concentra-
tion, respectively. At ¥ < ror = 20/p the pore
must contract in size (sinter) and the embryo
pore will only grow if it reaches the critical size
rcr as a result of fluctuations. These considera-
tions agree in particular with the fact that at any
stage of creep only pores of quite large sizes
(~107% to 10-% cm and above) are generally
observed.

Qualitatively ~ different mechanisms are
observed in the creep process at stresses abovethe
linear creep limit. A series of photomicrographs
are shown in fig. 3 of the dislocation structure of
Ni samples in the initial state and in different
stages of creep at 1200°C and a stress of
15 kgfem? In the steady-state stage of creep
there is an increase in the density of dislocations;
these are no longer located uniformly throughout
the bulk of the crystal (grain), as in the initial
state, but mainly in definite slip planes. Groups

of dislocations, hindered by obstructions, can be’

clearly seen. Fig. 3 shows the development of a
crack at a pore at the junction of intergranular
boundaries (which constitute one type of
obstacle to the movement of dislocations in the
slip planes). In this case the pore-crack is wedge-
shaped, rather than round.

Multiplication of dislocations under high-
temperature creep conditions at p > p, causes
reduction in size of the blocks; this happens
mainly at the stage of transient creep. During
steady-state creep the dislocation density and the
size of the blocks, measured by X-ray diffraction,
were practically unchanged (table I).

The data indicate that there is a fairly wide
range of stresses at high temperatures where the
Nabarro-Herring diffusion mechanism is the
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dominant mechanism in the development of
creep. The extent of this range appears to be
determined by the temperature dependence of
the shear modulus. In fact, the linear creep limit
o corresponds to a stress at which dislocation
loops can generate new dislocations. The latter
is given approximately by (Gb|)/! [11], where b
is the Burgers vector and /[ is the distance
between anchored points of dislocation loops. If
we assume that p, ~ (G[b])// then taking into
account the temperature dependence of the shear
modulus G for Ni [12] values are obtained for /
which are close to the block sizes, measured by
X-ray diffraction; this seems quite plausible.

4. Conclusion

The experimental data show that the nature of
the substructural changes accompanying high
temperature creep of mono- and polycrystalline
nickel is determined by the magnitude of the
effective stresses. A threshold stress p applies to
each testing temperature such that at p < p,
creep occurs mainly by the Nabarro-Herring
diffusion mechanism, and at p > p, by the
movement and climb of dislocations. The
temperature dependence of p, is, to a first
approximation, determined by the temperature
dependence of the shear modulus.

At p < p, creep Is either accompanied by no
structural and substructural changes (in the case
of samples which have been thoroughly
annealed) or causes enlargement of the blocks
and a decrease in the dislocation density. At
p > p, the blocks are crushed and the dislocation
density increased.

Regardless of the applied stress, high tempera-
ture creep is accompanied by the development of
porosity, the appearance of which is clearly
observed at the steady-state crepe stage. The
mechanism for pore generation under conditions
of purely diffusion-creep (p < p,) and disloca-
tion-creep is apparently different. Pore develop-
ment occurs by a diffusion mechanism.
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